Introduction
Nickel-base superalloys have been under continuous development for many decades.
As reflected by the interests of the present symposium, the current emphasis is on improvements through processing.
In order not to beat the proverbial horse to death, it may prove prudent at this time to obtain estimates on some of the remaining potentials of nickel-base superalloys. In other words, what are some of the upper or celestial limits of the mechanical properties of nickel-base superalloys? Have we already reached them? And, if not, is processing the means to get there? We believe that the science of nickel-base superalloys is now sufficiently well developed so that these questions can be answered in a fairly painless manner. In what follows, we choose to discuss the three properties of major concern in gas turbine applications;
yield strength, creep and fatigue.
Yield Strength
Th.is of course is one of the more fundamental properties of a structural alloy.
It is a property to be maximized, and, in the case of elevated temperature applications to be m2de invariant with temperature. Nickel-base superalloys are super because they possess reasonable strength to reasonably high temperatures, as a consequence of strengthening by such ordered and coherent particles as y' [Ni 3 (Al,X)I. Naturally, we greed for more. Let us now examine the feasibility of achieving more. Forgetting about grain boundaries for the moment, let us first discuss the strength of single crystals of nickel-base superalloys (intragranular strength).
The understanding of the strengthening mechanism of y' particles is in a very interesting state of development. As a consequence of complications resulting from dislocations bowing between, as well as cutting through the coherent y' particles, the strengthening mechanism of yt in alloys where the y1 volume fraction is academically low is not well understood. However, when the volume fraction is high and particles are fine in size, the particles are essentially stringed together and can be looked upon as a continuous array; dislocation cutting of particles then becomes the only consideration. In this case, which is also the case of practical interest because contemporary high strength nickel-base superalloys are well endowed with y' particles (50% or greater is not unusual), Fig. 1 , the physically elegant strengthening theory of Copley and Kear [l] applies. Let us apply it to the yield strength versus temperature data shown in Fig. 2 .
In Fig. 2 , the bottom curve corresponds to the yield strength (given as critical resolved shear stress) of an alloy (Udimet-700) strengthened by the familiar distribution of y1 cuboids, Fig. la or lb, the middle curve corresponds to the yield strength of the same alloy after a compressive stress anneal to produce the aligned rods, Fig. lc , and the top curve corresponds to the yield strength of the same alloy after a tensile stress anneal to produce the broad y' plates, Fig. Id . It should also be mentioned that stress annealing, which is essentially annealing under small loads, will cause the alloy to undergo primary creep and thus result in dislocation networks, Fig. 3 Firstly, regardless of y' morphology, the yield strength of nickel-base superalloy drops fairly abruptly at about 14OOOF (the knees of the curves in Fig. 2 ). This finding
is consistent with what can best be described as a decrease in the degree of ordering in the y1 particles and the associated sharp decrease in Antiphase Boundary (APB) Energy*, as in s1.ngle phase systems, or even in nickel-base superalloys during primary creep, the density of jOgS wjlll be small and the motion of jogs, and hence, creep, will be rate controlled by vacancy (self) diffusion, and the creep rate will be high. However, when the dislocation networks become fine in mesh, as is the case for the steady state creep of particle strengthened systems, the density of jogs will be high and local equilibrium of vacancy concentration may not be maintained at the jogs. Consequently the model proposes that the motion of jogs, and thus creep, will be rate controlled by higher activation energy processes involving interstitialcys (solute or solvent atoms in interstitial sites>.
[l6] Thus, for a given applied load, creep rates will be slower in systems with finely meshed dislocation networks.
The above model provides us with an upper limit in the activation energy for creep, which is that for diffusion involving the formation and motion of interstitialcys.
Furthermore, it appears that not much can be done to impart substantial improvements on creep of nickel-base superalloys through processing, since the steady state creep rates of superalloys are already associated with the high activation energies. The above model suggests , however, that it may be possible to eXm&?ate the plastic strains w-7 associated with primary creep through stress annealing prior to usage, after the manner that developed the mature dislocation network in Fig. 3 . Thermomechanical processes may also eliminate or suppress primary creep.
On Fatigue
In gas turbine applications, the useful lives of nickel-base superalloys are often limited by fatigue considerations. The major reason for this limitation rests with the rather poor fatigue properties of nickel-base superalloys. This fact is perhaps most vividly displayed when one compares the ratio between endurance limit and yield strength, i.e. the normalized endurance limit of nickel-base superalloys,with those of other metals and alloys. [17] For example, the normalized endurance limit (at 106-107 cycles) of such pure metals as aluminum, copper, iron, and, nickel is about one, and those of aluminum-base alloys and iron-base alloys are about one-half to one. In contrast, the endurance limits of nickel-base superalloys are only about a quarter of their yield strengths. Indeed, nickel-base superalloys are adequate for fatigue applications only because this rather low normalized endurance limit is maintained to elevated temperatures as a consequence of the unique temperature dependence (or independence) of the yield strengths, which are also high in magnitudes.
The poor showing of nickel-base superalloys under fatigue loading conditions is fairly well understood, e.g. see reference 17. It turns out that these alloys as a consequence of their heterogeneous or planar slip mode, a behavior which as normally extends to about 1400°F, react in a fairly brittle manner to such structural heterogeneities as casting pores and crack-like, or sometimes cracked, carbide phases.
Accordingly, these heterogeneities are initiation sites for fatigue fracture. The planar slip nature of nickel-base superalloys also result in crystallographic fracture, with fatigue life being determined by relatively fast crack propagation rates along the planar slip bands. We take these microstructural understandings as the guidelines W-8 for improvements. In other words, in nickel-base superalloys the requirements for reaching the ultimate in fatigue properties rest with 1) the elimination of structural heterogeneities, and 2) the dispersion of slip. Although we are not yet in a position to peek at the effects of both 1) and 2) together on the fatigue of nickelbase superalloys, we do know the effects of their individual contributions. Let us first discuss structural heterogeneities.
An kteresting feature of the plane front solidified structures is the reduction of size and density of gaseous porosity. [3, 5] We associate this elimination of pores with the absence of the dendritic forest during the solidification of homogeneous cast structures, results which strongly indicate that casting porosity originates mainly from the entrapment of evolved gas bubbles by the dendritic forest during solidification. Carbides, of course, can be eliminated by purposely lowering the carbon content.
The fatigue properties of carbide-free, homogeneously cast nickel-base superalloy (of MAR-IV200 composition) was obtained, and as anticipated, found to be superior to those of dendritic materials.
[5] For example, the normalized endurance limit (at 106 cycles) was found to be about 0.5 at room temperature and about 0.75 at 1200'F. These ratios are, of course, improvements over the usual 0.2 or 0.3 associated with other nickelbase superalloys, which were not plane front solidified.
In the above discussion, we have essentially shown that control of solidification In addition, fracture surface appearance suggest that the specific endurance limit of the y' matrix alloy should be even higher, since the size and density of pores in the specimens tested are even larger than those normally found in the traditional superalloys. These pores can of course be refined, or, even eliminated by either plane front solidification or thermomechanical processes.
Although elevated temperature data are not yet available, it is reasonable to presume that the endurance limit of y' matrix superalloys, through cyclic strain hardening, should increase with increasing temperature in a manner that follows the well established temperature dependence of strain hardening of y'.
Based on the above discussion, it appears that nickel-base superalloys have yet to fulfill their fullest potential with respect to fatigue resistance. We should all aim for an upper limit of normalized endurance limit of about unity. Processing involving either casting control or thermomechanical treatments can provide reasonable improvements in the fatigue resistance of the current nickel-base superalloys. The ultimate nickel-base alloy in fatigue resistance, however, may be that with a y' matrix instead of a y matrix.
Concluding Remark
The contents of this paper suggest that a near ideal nickel-base superalloy for gas turbine applications is a plane front solidified, thermomechanically treated, Tensile tests axis was parallel to the y'rods of Fig. 1 (c) and normal to the y'piates of Fig. 1 (d) . Data are obtained at 0.2 pet strain. changes at grain boundaries in the opposite sense of those due to tensile creep (Fig. 4) , as consistent with the change in the sense of the stress induced solute flux. 
